ABSTRACT: Our program on capacitive energy storage is a comprehensive one that combines experimental and computational components to achieve a fundamental understanding of charge storage processes in redox-based materials, specifically transition metal oxides. Some of the highlights of this program are the identification of intercalation pseudocapacitance in Nb 2 O 5 , which enables high energy density to be achieved at high rates, and the development of a new route for synthesizing mesoporous films in which preformed nanocrystal building blocks are used in combination with polymer templating. The resulting material architectures have large surface areas and enable electrolyte access to the redox active pore walls, while the interconnected mesoporous film provides good electronic conductivity. Select first-principles density-functional theory studies of prototypical pseudocapacitor materials are reviewed, providing insight into the key physical and chemical features involved in charge transfer and ion diffusion. Rigorous multiscale physical models and numerical tools have been developed and used to reproduce electrochemical properties of carbon-based electrochemical capacitors with the ultimate objective of facilitating the optimization of electrode design. For the organic photovoltaic (OPV) program, our focus has been ongoing beyond the trial-and-error Edisonian approaches that have been responsible for the increase in power conversion efficiency of blend-cast (BC) bulk heterojunction blends of polymers and fullerenes. Our first approach has been to use molecular self-assembly to create the ideal nanometer-scale architecture using thermodynamics rather than relying on the kinetics of spontaneous phase segregation. We have created fullerenes that self-assemble into one-dimensional stacks and have shown that use of these self-assembled fullerenes lead to dramatically enhanced OPV performance relative to fullerenes that do not assemble. We also have created self-assembling conjugated polymers that form gels based on electrically continuous cross-linked micelles in solution, opening the possibility for water-processable "green" production of OPVs based on these materials. Our second approach has been to avoid kinetic control over phase separation by using a sequential processing (SqP) technique to deposit the polymer and fullerene materials in separate deposition steps. The polymer layer is deposited first, using solvents and deposition conditions that optimize the polymer crystallinity for swelling and hole mobility. The fullerene layer is then deposited in a second step from a solvent that swells the polymer but does not dissolve it, allowing the fullerene to penetrate into the polymer underlayer to the desired degree. Careful comparison of composition-and thickness-matched BC and SqP devices shows that SqP not only produces more efficient devices but also leads to devices that behave more consistently.
INTRODUCTION
Molecularly Engineered Energy Materials (MEEM) was established as an interdisciplinary DOE basic science Energy frontiers research center (EFRC) focused on fundamental studies of the mechanisms of carrier generation, transport, energy conversion, and energy storage in tunable, architectonically complex materials. The overarching objective of MEEM is to achieve transformational improvements in the performance of materials via controlling the nano-and mesoscale structure using selectively designed, earth-abundant, inexpensive molecular building blocks. MEEM includes a well-balanced combination of theory, computational modeling, synthesis, characterization, and experimental measurements. From the beginning, MEEM has focused on materials that are inherently abundant, can be processed via environmentally friendly "green chemistry" routes (e.g., self-assembled from intelligently designed building blocks such as molecules and nanoparticles) and have the potential to deliver transformative economic benefits in comparison with the current crystalline-and polycrystalline-based energy technologies. Three research directions were initially identified where such novel material architectures hold great promise for high-risk high-reward research: solar energy generation using solution-processing techniques (with a focus on self-assembled architectures for organic photovoltaics), electrochemical energy storage in pseudocapacitors, and metal−organic framework materials for CO 2 capture. Of these, carbon capture was phased out in the early stages of the project to concentrate available resources on the electrochemical pseudocapacitor and organic solar cell themes. Below we give a brief review of our main achievements in these areas.
CAPACITIVE ENERGY STORAGE
2.1. Overview. Capacitive energy storage has been somewhat overlooked as an energy storage technology. The technology is based on electrochemical capacitors (ECs), also called supercapacitors, which store energy by either ion adsorption (electrochemical double layer capacitors or EDLCs) or fast surface redox reactions (pseudocapacitors). For traditional energy storage devices shown in Figure 1 , there is a compromise between energy density and power density. Batteries and fuel cells offer high-energy density but low-power density. The "capacitors" on the low end of the energy density scale of Figure 1 refer to dielectric and electrolytic capacitors used in electronic circuits. This diagram shows that supercapacitors exist over a wide range of energy and power densities that bridge the gap between high-energy density and high-power density (i.e., between batteries and traditional capacitors). Our research project on capacitive energy storage focuses on the group of ECs known as pseudocapacitors or redox supercapacitors, which represent a class of charge storage materials that use fast and reversible surface, or near surface, redox reactions to achieve charge storage. These materials offer the prospect of maintaining the high-energy density of batteries without compromising the high power density of capacitors. It is this class of materials which offers extraordinary opportunities for capacitive energy storage.
2.1.1. Electrochemical Capacitor Materials. The leading electrical energy storage technologies today are batteries and electrochemical capacitors. Both are based on electrochemistry and the power and energy relationship between the two is shown in a Ragone Plot (Figure 1 ). The success of lithium-ion batteries over the past two decades in consumer electronics and, more recently, the first generation of plug-in hybrids and fully electric vehicles, has led to a number of advances in energy-storage technology. Nonetheless, capacitive storage offers a number of desirable properties: fast charging (within seconds), reliability, long-term cycling (>500000 cycles), and the ability to deliver more than 10 times the power of batteries. Moreover, it is apparent that there are unique opportunities for ECs where batteries are simply not appropriate. 1 A good example is energy recovery where ECs are being used to recover energy from repetitive processes (descending elevators and braking cars), applications enabled by their fast charging rate. 2 The limiting feature that prevents more widespread usage of ECs has been the relatively low-energy density of the materials used in capacitive storage applications.
As mentioned previously, ECs may be divided into two main areas based on their energy storage mechanism: electric double layer capacitors (EDLCs) and pseudocapacitors. 4 The former is based on storing electric charge in a thin double layer at the interface between the electrode, typically carbon, and the electrolyte, while the latter involves reversible faradaic charge transfer. ECs make use of three main classes of materials: (1) carbon, (2) conducting polymers, and (3) metal oxides. The latter two are based on faradaic reactions. In a comparison among the three categories, RuO 2 is the most widely investigated metal oxide 3 (see also Quantum-Mechanical Studies of Supercapacitor Materials). In the following paragraphs, we briefly review EDLC and metal oxide pseudocapacitor materials.
Electrochemical Double Layer Capacitors. The physical nature of the capacitive charge storage mechanism for EDLCs (and ECs in general) differs significantly from that of batteries (chemical energy storage) and leads to certain advantageous operating characteristics. EDLCs have higher specific power than most batteries and their charge/discharge characteristics are highly reversible leading to cycle lifetimes in excess of 500000 cycles. 5 EDLCs can have extremely high specific capacitances; activated carbons typically have values ranging from 100 to 200 F/g. 6 Such values can be expected as the double layer capacitance is on the order of 10 μF/cm 2 for various carbons in aqueous electrolytes, and methods for developing carbons with high surface areas, in excess of 1500 m 2 /g, are well-established. 5 Although EDLCs have high-power capabilities, their energy density is well below that of batteries. The reason is that in contrast to batteries, there are no redox reactions and charge is stored at the surface of the electrode material (i.e., carbon). Thus, the charge can be quickly discharged or charged, but the amount of charge stored at the interface is limited. In recent years, there has been considerable effort aimed at increasing specific energy of EDLCs without compromising specific power and there are reports of energy density values reaching 10 Wh/kg.
Pseudocapacitor Materials. Redox-active pseudocapacitive materials are interesting for applications in electrochemical capacitors because the energy density associated with faradaic reactions is much higher, by at least an order of magnitude, than for traditional double layer capacitor materials (above 100 μF/cm 2 for pseudocapacitance versus 10 to 20 μF/cm 2 for EDLCs). 4 Thus, by creating high surface area pseudocapacitor materials, typically transition metal oxides because of their charge transfer properties, it should be possible to greatly increase the specific capacitance to levels well above that of carbon.
The origin of pseudocapacitance has been described thoroughly by Conway. 7 In this description, pseudocapacitance occurs whenever the amount of charge insertion (Q) depends on the voltage (V), thus leading to a capacitance (Q/V). On the basis of this model, we identified three common charge storage processes that occur when a redox-active material is immersed in electrolyte. (1) Ions can intercalate into preferred crystallographic sites, often in materials characterized by layered or tunnel structures. The intercalation is diffusion limited and accompanied by metal valence change to preserve electrical neutrality.
(2) Ions are electrochemically adsorbed onto the surface of the material. In this mechanism, referred to as redox pseudocapacitance, adsorption is associated with a change in the metal valence state. This process is kinetically facile because of the short-range nature of ion transport. (3) In our research, we have also observed mesoporous oxides in which intercalation is facile, giving rise to a capacitive response. This third process is referred to as intercalation pseudocapacitance.
Despite the advantages of having faradaic reactions, prior work with pseudocapacitive materials has brought to light an important question about reaching the very high theoretical values of the pseudocapacitive systems. The theoretical specific capacitance, based on either 1-or 2-electron redox reactions, is very high for systems such as V 2 O 5 , NiO, and MnO 2 , well above 1000 F/g. 8−10 These high values have been demonstrated experimentally using nanoscale forms of these materials and specially designed electrode structures which ensure that most of the electrochemically active transition metal oxide participates in the reaction. However, standard composite electrode approaches are not as effective since specific capacitance values are typically in the range of 150 to 250 F/g. 11 Thus, one of the central issues we have been addressing in the MEEM program is the development of electrode architectures which retain high specific capacitances and offer a practical electrode structure for capacitor devices.
The MEEM program on capacitive energy storage is a comprehensive one which combines experimental and computational components to achieve a fundamental understanding of charge storage processes in redox-based materials, specifically transition metal oxide systems. As indicated above, these materials are a particularly appealing target because, with few exceptions, theoretical values of their specific capacitance are several times greater than experimentally achieved results. It is, therefore, a topic where improved fundamental understanding of pseudocapacitive materials can have a dramatic impact on the EC field. A central theme for the experimental studies is to create pseudocapacitor materials with appropriate nanoscale architecture. Accordingly, we have emphasized template-directed mesoporous transition metal oxides in which the interconnected pore network provides electrolyte access to the high surface area, electrochemically active walls. This architecture can also be used to promote the development of high conductivity pathways, thus facilitating charge transfer at the redox-active sites at or near the pore walls. A key issue with electrode architectures is the local electric field and the potential distribution at the pore-solid interface, and we have developed simulations to provide this information. Complementing these studies are first-principles calculations that elucidate the energies associated with the redox processes and help us to identify the features which contribute to high-performance energy storage materials.
2.2. Nb 2 O 5 : A Prototypical Intercalation Pseudocapacitor Material. Our initial studies of pseudocapacitor materials were based on using mesoporous films as discussed in Nanostructured Pseudocapacitive Materials below. This architecture enabled us to investigate the fundamental pseudocapacitor properties of various transition metal oxides under beneficial conditions: no binder or carbon additives, sufficiently thin films to provide adequate electronic conductivity, and interconnected mesoscale porosity to enable electrolyte access to redox-active pore walls. 12−15 In the course of the studies with MoO 3 and Nb 2 O 5 , we became aware that Li + diffusion in the film was extremely rapid. We now recognize that Nb 2 O 5 , in particular, has structural and electrochemical features that lead to intercalation pseudocapacitance, an extremely effective mechanism for storing high levels of charge rapidly.
Previous research had shown that Nb 2 O 5 was able to reversibly intercalate Li + and protons and was investigated both as an electrochromic material and as a lithium-ion battery electrode. 16, 17 However, the kinetics of this material had never been determined. The results with mesoporous films indicated that not only that Li + insertion was extremely rapid but also that mesoporous crystalline materials (orthorhombic T-phase) had much better kinetics and charge storage properties than the corresponding mesoporous amorphous films. In more detailed studies directed at the effects of crystallinity and phase on fundamental charge storage properties, we found that this material possesses much better charge storage kinetics than other transition metal oxides. 18 The orthorhombic phase, in particular, was found to exhibit high specific capacitance at high rate with values of nearly 450 F/g achieved in less than 1 min. This behavior is shown in Figure 2 . It is evident that the amorphous phase has much slower kinetics and less charge storage than either of the crystalline phases. This great difference is an indication of how faradaic processes which occur in crystalline materials lead to an additional capacitive component which does not occur with noncrystalline materials. In evaluating the kinetics of charge storage, we used an approach first used by Trasatti et al. 19 in which one identifies the infinite-sweep rate capacity, which relates to the specific capacitance obtained at high rates. The values for Li + insertion in orthorhombic Nb 2 O 5 are much greater than that of birnessite MnO 2 (400 vs 270 F/g), another well-known pseudocapacitive material. Moreover, these infinitesweep rate capacity values are quite comparable to those of RuO 2 (480 F/g), even though the pseudocapacitive charge storage mechanisms are different. That is, Nb 2 O 5 stores charge at high rates from Li + insertion, whereas charge storage with RuO 2 and most other transition metal oxides is based on redox reactions occurring at the surface and near-surface regions.
In more recent work, we were able to attribute the high level of energy storage at high rates in Nb 2 O 5 to an intercalation pseudocapacitance mechanism. 20 The characteristic features of this mechanism include currents which vary inversely with time, charge-storage capacity that is mostly independent of rate, and redox peaks that exhibit small voltage offsets, and therefore good reversibility, at high rates. Kinetic studies indicate that solid-state lithium-ion diffusion is rate-limiting but only for charging times below 20 s. Moreover, with somewhat longer charging times of 1 min, there are no indications of diffusion limitations and the current response is capacitor-like (Figure 3a) . 20 First-principles calculations based on the density-functional theory (DFT) (see Quantum-Mechanical Studies of Supercapacitor Materials) show that migration energies for Li + ions in T-Nb 2 O 5 are very low and show a pronounced structural disorder which is caused by partial Nb occupations on the 4f sites, in agreement with our experimental charging data. Another key design rule for intercalation pseudocapacitance is that the structure does not undergo a phase transformation upon intercalation. In the case of Nb 2 O 5 , facile two-dimensional (2D) pathways seem to be important; charge storage in such a 2D environment would then exhibit similar behavior to 2D surface adsorption reactions identified by Conway. 7 Finally, the results shown with Nb 2 O 5 are exciting because they demonstrate that even with charging times as fast as 1 min (60C), charge storage in the material is not limited by solid-state lithium-ion diffusion.
Because the high rate properties of Nb 2 O 5 are due to fast ion diffusion in the bulk material, and not the surface area, the intercalation pseudocapacitance mechanism may be very useful in the development of thick electrodes capable of storing significant amounts of energy. Accordingly, we investigated this feature by fabricating 40 μm thick electrodes, using composite approaches of the type that would be utilized in electrochemical capacitor devices. 20 In Figure 3b, In summary, our studies with Nb 2 O 5 indicate that this material is a very promising one for electrochemical energy storage. Charge storage in this material is attributed to intercalation pseudocapacitance in which faradaic reactions occur within the bulk, rather than being confined to the surface and near surface regions as occurs with the well-known pseudocapacitor materials. The material exhibits high capacity at high discharge rates with values comparable to or better than the best high-rate battery material, Li 4 Ti 5 O 12 . Because the high rate capability of Nb 2 O 5 is due to fast ion transport in the bulk material, this mechanism may be very attractive for thick composite electrodes because the need to expose the surface to the electrolyte is less critical.
2.3. Nanostructured Pseudocapacitive Materials. Significant fraction of our research in the MEEM program has focused on creating materials with structures optimized for pseudocapacitive charge storage. 21 In particular, we have emphasized the careful control of nanometer scale architecture because of the ability to obtain short diffusion distances which are useful for charge storage processes. For pseudocapacitor materials, we hypothesize that an ideal structure should contain interconnected porosity on the 10−30 nm length scale to facilitate electrolyte diffusion through the material and enable electrolyte access to redox active sites, have inorganic domains with sizes between 5 and 20 nm to facilitate ion adsorption, and to keep ion transport distances short.
A broad range of suitable structures can be created using diblock copolymer templating. 22−25 The general method is depicted in Figure 4 . In this process, inorganic building blocks coassemble with an amphiphilic diblock copolymer. Sol−gel chemistries are well-suited for such polymer-templating techniques. In a typical synthesis, inorganic precursors, often metal alkoxides or metal salts, are codissolved with the organic block copolymer and then cast onto a substrate, either through dip-coating, spin-coating, or drop-casting. The micelles then coassemble with the inorganic precursors into cubic or hexagonal structures as the inorganic precursors undergo hydrolysis and condensation reactions. The dry film can then be heated to decompose the polymer template and further condense/ crystallize the inorganic framework, leaving behind the desired mesoporous film. Figure 5b shows a scanning electron microscope (SEM) image of a sol−gel derived nanoporous Nb 2 O 5 film that was crystallized at 600°C. 13 The film is macroscopically homogeneous with a network of open pores averaging 13−15 nm in diameter. The film was templated with poly(ethylene-co-propylene)-b-poly-(ethylene oxide), or PEP−PEO. A unique property of these large block copolymers, when compared to surfactants and small pluronic type polymers, is their ability to produce porous inorganic materials with fairly thick pore walls. During heating of a film with thick walls, crystallites can nucleate with a critical domain size that is smaller than the pore wall. Nucleation and grain-growth can then both occur within the oxide wall, leading to crystalline, yet ordered mesoporous structures.
Most crystalline, polymer-templated mesoporous materials contain randomly oriented nanoscale domains with sizes on the order of the average wall thickness. Nanoporous niobia, however, shows very different crystallization behavior. With templated, porous Nb 2 O 5 , the substrate appears to have a very strong influence on the crystallization kinetics, and the result is a film that exhibits a high degree of crystallographic orientation relative to the substrate. Figure 5a shows wide-angle X-ray diffraction (WAXD) data collected on mesoporous T-Nb 2 O 5 , L-Ta 2 O 5 , and TaNbO 5 . 13 The films show only one distinct peak, the (180) reflection, for all three samples, indicating a highly textured film with the primary layer direction running parallel to the substrate. Similar iso-oriented films have been observed for mesoporous MoO 3 , and in that system, the orientation appears to have a significant and positive effect on the electrochemical rate capability. 15 To create smaller crystalline domains with smaller Li + diffusion distances and higher surface areas, we turn to a new route for making porous materials−nanoporous films made from preformed nanocrystal building blocks ( Figure 4 ).
12,26−30
Templated nanocrystal-based materials show much higher surface areas than the sol−gel-derived systems discussed above and are thus an ideal way to build redox pseudocapacitance into a material. Because micropores are created at the intersections between nanocrystals, the electrolyte can penetrate into the pore wall, creating much shorter diffusion distances. These very small domain sizes can be important for creating high-capacity pseudocapacitive materials.
The key to replacing sol−gel precursors with preformed nanocrystals is to create soluble, but ligand free, nanocrystals. Initial work on polymer-templated nanocrystal-based films made use of nanocrystals with hydrolyzable ligands that were metastable in solution. 12, 29, 30 More recently, we have developed robust and transferable synthesis methods that use stable, chargestabilized nanocrystal solutions with chemically stripped ligands. 31 Figure 6a shows an SEM image of a nanocrystalbased nanoporous film made from ligand stripped indium tin oxide (ITO) nanocrystals. 26 While ITO itself is not a redox active material, similar films can be made from a range of redox active oxides, including Mn 3 O 4 , (Mn,Fe) 2 O 3 , and TiO 2 among others. 26, 32 ITO is shown here because the highly conductive nature of ITO allows for very clear SEM images in which the pores and individual nanocrystals can both be resolved. These porous ITO films can also serve as scaffolds for composite electrode materials in which the conductive ITO film is coated with a redox-active material such as V 2 O 5 ( Figure 6b ).Vanadiacoated ITO shows nearly 100% pseudocapacitive charge storage for thin vanadia layers. This architecture also allows us to define the vanadia coating thickness, where the current becomes diffusion controlled rather than having a capacitor-like response. Nonoxide porous materials can also be produced using these methods. 27, 33 For example, Figure 6c shows a nanoporous CdSe film produced using ligand stripped CdSe nanocrystals. 27 The extension of these methods to nonoxide systems opens up a wide range of applications in both electrochemical charge storage and in other fields.
The systems described above are ideal test beds for understanding pseudocapacitive charge storage as they are binder free, fully electrically connected networks that are sufficiently thin that electrical conductivity is usually not rate-limiting. To transition these materials toward practical electrodes, we have recently developed methods to produce porous niobia films using poly(methyl-methacrylate) (PMMA) colloids, 34, 35 in combination with niobia polyoxometalate (POM) clusters. 36, 37 Figure 5c shows an SEM image of a porous POM-derived film. The pores size, the wall thickness, and the overall film thickness are highly tunable in these porous niobia films.
2.4. Quantum-Mechanical Studies of Supercapacitor Materials. First-principles calculations based on the densityfunctional theory (DFT) are well-suited for the task of understanding the microscopic mechanisms of EC pseudocapacitance and how they relate to the intrinsic properties of the material. Here we review two prototypical cases, hydrous ruthenia (RuO 2 ·xH 2 O) and crystalline MoO 3 . Comparison of these materials provides insights into the main physical and chemical features characterizing high-performance EC materials.
Ruthenium dioxide (RuO 2 ), a prototypical EC electrode with one of the highest specific energy densities of all known materials (values in the range of 800 F/g have been reported for hydrous RuO 2 ·xH 2 O), 38 ,39 is a remarkable stoichiometric oxide which combines metallic conductivity, chemical stability, and the ability to support redox reactions. 40, 41 Anhydrous RuO 2 crystallizes in the rutile TiO 2 -type structure shown in Figure 7a , which is characterized by chains of edge-sharing RuO 6 octahedra running along the tetragonal direction. These chains are linked together by sharing corners. The calculated electronic structure shows that the bonding hybrids of O 2p and Ru 4d orbitals lie 2 to 8 eV below the Fermi level, while the antibonding p−d hybrids are above the Fermi level. The metallic conductivity of RuO 2 is attributed to delocalized states formed by overlapping Ru 4d orbitals across the shared edges of RuO 6 octahedra. 42 In accordance with the conventional point of view, charge storage in RuO 2 occurs according to the following electronic-protonic double insertion reaction:
where the valence state of individual Ru ions changes from Ru
4+
to Ru 3+ and even Ru 2+ . In our DFT studies, we find a more nuanced picture of chemical bonding where electron−proton double insertion leads to the formation of a polar covalent O−H bond with a fractional increase of charge in the Ru d states by only 0.3 electrons. This fractional change in the Ru valence can be attributed to the delocalized (metallic) nature of the Ru 4d states near the Fermi energy. 42 Furthermore, DFT studies indicate that fast reversible adsorption of up to 1.5 protons per Ru on the (110) surface contributes to the pseudocapacitive current, while the current associated with proton intercalation into bulk RuO 2 is diffusion-limited and depends strongly on the charging rate. 44, 45 Hence, the latter is not expected to contribute to pseudocapacitive behavior.
It is well-known that hydrous ruthenia, RuO 2 ·xH 2 O, 46 shows far superior pseudocapacitive performance in comparison with nanocrystalline anhydrous RuO 2 films.
39 This is usually attributed to the mixed protonic and electronic conductivity of the former. However, the structure of hydrous ruthenium, which holds the key to describing the transport pathways for electrons and protons, is not well-characterized. Two distinct structure models have been discussed in the literature. 38 The first model assumes that water molecules are incorporated in ruthenium vacancies in the bulk material as shown in Figure 7b ; we call this the "water in bulk vacancies" model. The second model ("water at grain boundaries") assumes that water is dispersed between RuO 2 nanocrystals, and the material can be best-described as an RuO 2 /H 2 O composite held together by boundary layers of structural water (see Figure 7c) . 47 To clarify the energetic tendencies, we have used the prototype electrostatic ground state (PEGS) search method 48, 49 in conjunction with DFT calculations to investigate low-energy structures of hydrous ruthenia. Our results show that incorporation of water in Ru vacancies or in bulk crystals is energetically much more costly than segregation of water molecules between slabs of crystalline RuO 2 (as shown in Figure 7d ). 45 These results lend support to the "water at grain boundaries" model for the structure of hydrous RuO 2 ·xH 2 O, confirming the picture that emerges from recent experimental work.
39,50−52 The superior charge storage properties of hydrous ruthenia are then attributed to the resulting composite structure, which facilitates fast electronic transport through the metallic RuO 2 nanocrystals and fast protonic transport through the regions of structural water at grain boundaries (see Figure 7) . The small radii of the RuO 2 nanocrystals (down to a few nanometers) provides an enormous surface area for reversible proton adsorption, which accounts for the large pseudocapacitive currents observed experimentally in hydrous ruthenia.
Layered transition metal oxides, such as MoO 3 , are attractive EC materials due to their ability to intercalate high concentrations of ions, and the potential for fast ion transport within their interlayer (van der Waals) gaps. 13, 15 A prototypical example is the α-MoO 3 compound, the structure of which is illustrated in Figure 8 . The structure is composed of MoO 6 octahedra that are edge-shared along the c axis, and corner shared along the a axis, to form MoO 3 bilayers that are oriented normal to the b axis and are bound by van der Waals forces. Each octahedron in the bilayers is equivalent by symmetry and characterized by a highly distorted geometry featuring five distinct metal−oxygen bonds, with bond lengths ranging between 1.63 and 2.30 Ångstroms at room temperature. 53, 54 The resulting structure has two distinct types of sites for intercalation of Li ions: one located within the one-dimensional intralayer channels that run parallel to the c axis (c.f. the green sphere in Figure 8 ) and the other in the two-dimensional interlayer "van der Waals gap" regions normal to the b axis (c.f. the yellow sphere in Figure 8 ).
First-principles calculations of the relative energetics of the interlayer versus intralayer sites have been investigated within the framework of van der Waals corrected DFT, 55, 56 including Hubbard-U corrections 57 with a U parameter having a value of 6 eV. The inclusion of Hubbard-U corrections ensures that the extra electron introduced by Li intercalation is localized as ), as observed experimentally for dilute concentrations. 58, 59 In calculations with fixed lattice constants we find that the intralayer site is preferred energetically when the intercalated Li ion is bound to a nearest-neighbor electron small polaron. However, the energetic preference for this site relative to the interlayer van der Waals gap position is relatively small (less than 0.1 eV), and influenced by a higher polaron binding energy. Specifically, for calculations with fixed lattice constants the site preference switches to the interlayer site when the electron small polaron lies far from the Li ion. Further calculations have been undertaken with the aid of two different vdW-corrected density functionals to investigate the effect of relaxations of the supercell lattice parameters in influencing Li intercalation energetics. It is found that relaxations have relatively small effects on the calculated Li-polaron binding energies. However, one functional predicts that the interlayer site is stabilized relative to the intralayer site by lattice parameter relaxations, both with and without polaron binding, while the other predicts relatively smaller effects on site preferences due to such relaxations. Overall, the calculations suggest that the energetics of Li intercalation are influenced by a subtle interplay of competing thermodynamic effects including strain energy and entropy (which favors dissociation of Li-polaron pairs), and that their balance will be affected by temperature and particle size effects. In developing our models, several features needed to be considered properly. First, the finite ion size and the Stern layer must be taken into account. 61 Indeed, the ions have finite size and their concentration at the electrode surface cannot exceed a maximum concentration, often taken as simple cubic ion close packing. The Stern layer refers to the compact layer of ions strongly adsorbed to the electrode surface. There are no free charges within the Stern layer, and its thickness is typically taken as the effective radius of an ion. Second, the electrolyte dielectric permittivity can no longer be treated as constant but instead decreases with increasing electric field. 61 Indeed, the electric field at the electrode surface can be very large, particularly for large surface curvature. As a result, the local electrolyte polarization becomes saturated and the dielectric permittivity decreases. This phenomenon can be successfully captured by the Booth model, 62, 63 as confirmed by both experimental measurements and molecular dynamic simulations. 65, 66 is an equilibrium model governing the local equilibrium electric potential while ion concentrations are given by the Boltzmann distribution. In adapting this model, a set of new boundary conditions was derived for cylindrical and spherical electrode particles or pores to account for the very thin Stern layer without simulating it in the computational domain. 67 This greatly simplified the simulations by significantly reducing the necessary computing resources and time without affecting accuracy. In fact, these new boundary conditions made possible the simulation of electric double layer capacitors (EDLCs) with three-dimensional (3D) porous electrodes. They were used to faithfully simulate actual electrodes of EDLCs, consisting of ordered bimodal mesoporous carbon featuring both macropores and mesopores. 68 This comparison is shown in Figure 9 . The new boundary conditions can also be employed to simulate the dynamic charging and discharging of EDLCs as well as pseudocapacitors. Detailed numerical simulations can be used to simulate highly ordered porous structures whose symmetry helps reduce the computational domain size. However, numerous electrodes feature complex disordered structures with pores of various shapes and sizes. To treat this situation, scaling analysis was performed to reduce a large number of design parameters to a few meaningful dimensionless similarity parameters accounting for the dominant physical phenomena governing the behavior of actual electrodes. 69 These dimensionless numbers were applied to experimental data for equilibrium integral capacitance of EDLCs with porous carbon electrodes with a wide range of morphology and different binary electrolytes. In this way, we were able to develop design rules to maximize the capacitance of EDLCs: (i) the electrolyte should have small ions and large dielectric constant and (ii) the electrode pore radius should be tailored to closely match the ion radius, and (iii) the pore size distribution should be as narrow as possible.
2.5.2. Dynamic Models. The Modified Poisson−Nernst− Planck (MPNP) model 70 governs the time-dependent local ion concentrations and electric potential in binary and symmetric electrolytes. We have recently solved these equations to numerically reproduce typical (i) cyclic voltammetry (CV), 71 (ii) impedance spectroscopy, 72, 73 and (iii) galvanostatic cycling 74 measurements. One particularly useful example which illustrates our contributions is our providing a physical explanation for a CV-feature (a "hump" in the CV curve), which had baffled the experimentalists. Our interpretation was that the hump occurred because of "crowding" of the electrode surface with ions of finite size. 71 In other words, the current reaches a maximum when the ion surface concentration approaches its maximum.
The MPNP model is limited to binary and symmetric electrolytes defined by two ion species having identical size, valency, and transport properties. Common electrolytes, however, are asymmetric (e.g., aqueous H 2 SO 4 and Na 2 SO 4 or LiClO 4 in polycarbonate). Moreover, the use of electrolyte mixtures with more than two ion species has recently been considered to increase the energy and power densities of supercapacitors. To be able to simulate asymmetric electrolytes, we derived a generalized modified Poisson-Nernst-Planck (GMPNP) model from first-principles based on excess chemical potential and the Langmuir activity coefficient. 75 The model was used to simulate CV measurements for binary asymmetric electrolytes in EDLCs. The results demonstrated that the current density increased significantly with decreasing ion diameter and/or increasing valency of either ion species. In contrast, the ion diffusion coefficients affected the CV curves and capacitance only at large scan rates. Scaling analysis was also performed on the GMPNP model. 75 The similarity parameters obtained accounted for the dominant physical phenomena in the asymmetric electrolytes and in the electrode. A self-similar behavior was observed for the capacitance of the device as a function of scan rate. Diffusionindependent and diffusion-limited regimes were identified along with the associated transition criteria.
Overall, we have advanced significantly the state-of-the-art in physical modeling and simulations of supercapacitors by developing new boundary conditions that rigorously account for interfacial phenomena at the electrode/electrolyte interface and enable the simulations of actual 3D mesoporous electrodes. Transport model for asymmetric electrolytes and electrolyte mixtures was also derived from first principles. The developed numerical tools were able to numerically reproduce experimental measurements and to provide physical interpretations for experimental results. Scaling analysis was systematically performed and the resulting similarity parameters reduced the number of variables and were used to identify self-similar behavior, diffusion-limited operation, and design rules for both electrodes and electrolytes.
3. SOLUTION PROCESSED ORGANIC PHOTOVOLTAICS 3.1. Avoiding Kinetic Control over the Morphology of Organic Photovoltaic Devices. In recent years, dramatic progress has been made in the field of organic photovoltaics (OPVs), with the power conversion efficiencies of polymer/ fullerene devices surpassing 10%. 76 Nearly all of the increase in power conversion efficiency comes from devices fabricated with the blend cast (BC) method, in which the polymer donor and fullerene acceptor are randomly mixed together in solution and then cast into a film to form the active layer of the organic solar cell. The problem with BC processing is that the two components must be blended together on a fine enough length scale (usually considered to be ∼10 nm 77 ) to ensure efficient charge separation, but must also be phase-separated enough that each component forms a connected network that is able to efficiently transport the separated charges to their respective electrodes. 78, 79 When the two components start blended together in solution, the morphology of the film cast from the solution is dictated by the donor/acceptor miscibility, the propensity of one or both materials to crystallize, the relative solubilities of the two materials in the solvent from which the film is cast, the drying kinetics of the film for the given casting conditions, etc. This means that the nanometer-scale morphology, and thus, the device performance, is hypersensitive to the processing kinetics used to make a BC film. To try to improve control over the nanometer-scale morphology of BC films, researchers in the field use techniques such as postfilm deposition thermal annealing, 80−82 slow drying during film formation, 83−85 postdeposition solvent annealing, 86, 87 and the use of solvent additives during processing. 88−90 Unfortunately, this means that for any new set of OPV materials, the size of the processing parameter space to explore is large, necessitating an Edisonian approach to find the processing conditions that lead to the best device performance. Even worse than the fact that hundreds of BC devices must be fabricated when going through the trial-and-error process to optimize a new set of materials for solar cell efficiency is the fact that what works for small area (typically a few mm 2 ) devices on the laboratory scale is unlikely to work for larger-area (>cm 2 ) devices that would be manufactured industrially. This is because the formation kinetics of large-area films through techniques such as roll-to-roll processing or doctor blading are not the same as the spincoating typically used at laboratory scales, resulting in poor efficiencies upon scale-up of the device area. 91 At the UCLA-based MEEM center, we have worked to avoid this need for trial-and-error in device performance by developing methods that produce polymer/fullerene active layers whose nanometer-scale morphology is not sensitive to the kinetics of how the films are processed. Over the past few years, we have focused on two approaches for producing polymer/fullerene blend films with a morphology that is scale-independent. The first approach is to take advantage of molecular self-assembly to produce films with a nanometer-scale structure that is dictated more by the thermodynamics of the molecular assembly than the kinetics of the processing conditions. To this end, we have worked both with fullerenes that self-assemble because of a molecular propensity to form 1D stacks 92−95 and with conjugated polyelectrolytes that form micellar rods with improved polymer conductivity. 96 Our second approach is to use more traditional materials but to avoid the kinetic sensitivity issues with the BC method by sequentially processing the donor and acceptor layers. In this way, we can separately control the structural aspects of both the polymer and fullerene during deposition, producing morphologies that are different than those that can be obtained by simply blending the materials together in solution from the beginning 97−100 and which can survive being scaled-up in device area.
3.2. Using Self-Assembly to Control Organic Photovoltaic Morphology. 3.2.1. Self-Assembling Fullerenes to Control Global versus Local Electron Mobility. The first approach taken by the MEEM center to avoid the sensitive processing kinetics that make it difficult to obtain a reproducible BC morphology in conjugated polymer/fullerene-based solar cells is to use self-assembling fullerenes that prefer to form molecular wires on the nanometer-length scales important for device performance. The self-assembling fullerene system to which we have devoted most of our focus is a series of 6,9,12,15,18-pentaaryl-1-hydro 60 fullerene molecules, 101 whose chemical structures are shown in Figure 10 . Because of the molecular shape of these fullerene derivatives, we refer to them colloquially as "shuttlecocks" (SCs). One of the advantages offered by the pentaaryl substitution pattern is that simple alterations of the alkyl groups on the ends of the aryl "feathers" of these molecules changes the propensity for them to assemble into stacks without altering any of the electronic properties of the fullerene ball. 92 For example, the use of t-butyl phenyl alkyl groups (1a) leads to SCs that strongly prefer to assemble into 1D stacks, as evidenced by the crystal structure shown in Figure 11a . 92, 94 In contrast, the use of methyl alkyl groups (either in the para (1d) or meta (1e) positions) produces SCs that have no preference to stack ball-in-cup, as shown by the crystal structure of 1d in Figure 11b . Ethyl (1c) and isopropyl (1b) substituents lead to intermediate behavior in the preference to stack. 94 To understand how tuning the ability to form self-assembled stacks affects the properties of OPV devices based on these materials, we blended all of the SC molecules whose structures are shown in Figure 10 with poly(3-hexylthiophene 2,5 diyl) (P3HT). We found that the SCs that preferred to stack (1a,1b) produced solar cells with much higher power conversion efficiencies than those based on the SCs that do not stack (1c−1e), as shown in Figure 12a . 93 We observed via X-ray diffraction, atomic force microscopy (AFM) and photoluminescence (PL) quenching experiments that the nonstacking SCs had a greater degree of phase segregation from the P3HT than the stacking SCs, which produced more intimate blends. 93 Thus, to verify that the differences we observed in device performance were a result of the self-assembly of the fullerene stacks rather than different degrees of phase separation, we also constructed diodes out of the pure SC materials. Figure 12b shows current−voltage curves for diodes fabricated from 1a and 1d; the results (and our space-charge-limited mobility analysis of the data 95 ) clearly show that for otherwise electronically identical molecules, fullerenes that stack have a much higher carrier mobility than fullerenes that do not stack. Thus, the photovoltaic performance of devices based on self-assembling fullerenes such as 1a are better than those of nonassembling fullerenes such as 1d both because the nonstacking fullerenes phase segregate enough to lead to poor exciton harvesting and because the stacking fullerenes have an intrinsically higher mobility over device length scales, a direct consequence of their self-assembly.
Although the data presented above makes clear that fullerene self-assembly improves solar cell power conversion efficiencies, devices based on our SC fullerenes are still outperformed by standard, nonassembling fullerenes such as [6, 6] -phenyl-C 61-butyric acid methyl ester (PCBM). To understand why nonassembling fullerenes like PCBM produce even higher currents in solar cells with P3HT than stacking SC molecules, we developed a new theoretical formalism to determine the rate of electron transfer between neighboring fullerenes in a photovoltaic device. Our formalism is built on the Marcus theory of electron transfer, 102 and we determined the electronic coupling via a density functional theory calculation of an isolated pair of fullerene molecules. To ensure that the excited Kohn− Sham orbitals in our calculation did not artificially localize on one of the two molecules, we also applied an external electric field to delocalize the excited state, mimicking the effects of the complex environment inside a photovoltaic device. The details of our method are given in ref 95 . When we applied this formalism to the SCs of Figure 10 , we found that the electron transfer rate between molecules is similar for the stacking and nonstacking SC molecules. Thus, the fact that these molecules are electronically identical means that their local, molecular rate of electron transfer is also similar, verifying that any differences in device performance must come from the assembly induced stacking on more macroscopic length scales. We also note, however, that the pentaaryl functionalization motif of these SC fullerenes leads to reduced electron density of the LUMOs of these molecules near the aryl substituents, limiting the electronic coupling between them, as shown in Figure 13b . This means that regardless of their ability to stack, there is a relatively poor rate of electron transfer between neighboring SC fullerenes. PCBM, in contrast, has only a single substituent on the fullerene cage that does not interfere with the delocalization of the LUMO, as shown in Figure 13a ; this provides for good electronic overlap between neighboring PCBM molecules regardless of orientation, facilitating electron transfer in all directions. Thus, PCBM outperforms the selfassembling SC fullerenes (and indeed most other fullerenes that have been tried in organic photovoltaics) because it has enhanced nearest-neighbor electronic overlap, and thus high carrier mobility on local, molecular length scales. The results of our calculations thus suggest that there are multiple criteria for choosing a fullerene for best photovoltaic device performance. A good fullerene acceptor must have both a good local mobility (i.e., high probability for electron transfer between nearest neighbors) and a good macroscopic mobility, which depends on the networked formed by the fullerenes on the length scale of the device. To experimentally test whether this idea of both local and global mobility contribute to device performance, we used time-resolved microwave conductivity TRMC 103, 104 to measure directly the local conductivity of different fullerenes. Figure 14 shows the photoconductance derived from TRMC following photoexcitation of P3HT blend films containing 1a, 1d, PCBM, and a P3HT control film with no added fullerene. 95 The P3HT control film shows low photoconductance, indicating that only a few locally mobile holes are generated upon photoexcitation. When either of the two SC molecules is added, the photoconductance increases by a factor of ∼20, the result of exciton splitting by the fullerenes. The time profile of the microwave signal does not change, however, indicating that the signal is still dominated by holes on P3HT, so that the local electron mobility on the SC fullerenes is lower than the hole mobility on P3HT. The magnitude of the microwave signal is somewhat larger for the stacking molecule 1a than the nonstacking 1d, but the signal depends on the product of the carrier concentration and mobility. In separate time-resolved photoluminescence experiments, we found that there are indeed more carriers produced in P3HT films with 1a than with 1d because of the differing degrees of phase separation for these two molecules. 95 The net result is that our TRMC measurements verify our calculations by showing that both SC molecules have similar local mobilities. Figure 14 also shows that the P3HT:PCBM blend film has a much higher photocondutance than either of the two SC molecules. Since the degree of PL quenching in the PCBM blend is similar to that in the blend with 1a, this strongly suggests that the local mobility between PCBM molecules is indeed much higher than that between SC molecules, again in accord with our calculations. Moreover, the time profile of this PCBM microwave transient is also different from the other samples, indicating that electron mobility now contributes significant to the signal, so that the local electron mobility on PCBM is comparable to or greater than the local hole mobility on P3HT.
Overall, both the theoretical and experimental results verify that there are indeed two length scales over which mobility must be optimized to produce the best organic photovoltaic devices. Shuttlecock 1a produces networks that could support excellent macroscopic mobility (as compared to devices based on SC 1d) but has poor local mobility and thus makes mediocre devices. In contrast, molecules like PCBM have excellent local mobility but make poor macroscopic networks, leading to good device performance that could be further improved if the macroscopic network could be better-controlled. All of these results suggest a simple set of design rules for producing the next generation of fullerene acceptors for polymer-based photovoltaics: the fullerenes must have spherical LUMOs that have strong electronic coupling with their neighbors for good local mobility, but they must also be able to assemble into macroscopic networks that span the device length scale for global mobility. MEEM is currently working on the design and synthesis of new fullerenes that should meet both of these criteria.
3.2.2. Self-Assembling Polymers for Control Over Nanoscale Photovoltaic Morphology. The SCs discussed above demonstrate how self-assembly of the fullerene component of a polymer/fullerene photovoltaic can be used to enhance device performance. It is also possible, however, to use self-assembling conjugated polymers to obtain control over morphology and to enhance hole transport through a device. 96 Amphiphilic assembly, involving molecules that contain both polar/charged and nonpolar regions, is one key type of self-assembly that can generate large driving forces for structural rearrangements. To this end, we have created charged semiconducting polymers that can form cylindrical micelles. Many groups have explored the properties of semiconducting polyelectrolytes for applications ranging from optoelectronic devices 105−107 to biological sensors. 108, 109 These materials have been shown to make a variety of architectures, 110−112 but to date, we are aware of none in which the molecular geometry has been optimized to form micelles with the conducting polymer axis running parallel to the micelle axis. We have shown in previous work that the best hole conductivity along the polymer occurs along straight, wirelike structure and that kinks and bends can be detrimental to charge transport. 113 Thus, in our work supported by MEEM, we have extended this idea by using self-assembly to force the polymer chains to couple together into micellar bundles, thus straightening out the polymer backbones because of the geometric constraints associated with forming a micelle. Our first system to achieve this micellar geometry is the amphiphilic semiconducting polymer poly(fluorine-alt thiophene) (PFT), whose chemical structure is shown in Figure 15 . PFT has cationic quaternary ammonium side chains and an sp 3 -hybridized bridging carbon on each fluorine unit that creates a "pie-wedge"-shaped cross section that allows the polymer to assemble into a cylindrical micelle with the conducting backbone running along the long axis of the cylinder in aqueous solutions. A cartoon of the assembly motif is also shown in Figure 15 .
To verify that PFT actually does assemble into cylindrical micelles with straight polymer backbones, we started by using solution-phase small-angle X-ray scattering (SAXS). Figure 16a shows that the probability distribution function, P(r) (obtained as the Fourier transform of the raw X-ray scattering profile) for PFT clearly follows a cylindrical distribution, with a peak corresponding to the micelle diameter and a linear tail that is a clear signature of a rodlike shape. 114 Analysis of the data indicates a micelle diameter of 4 nm, which is consistent with a structure like that in Figure 15 where the micelle is about two molecular diameters across and the π-conjugated planes are arranged radially around the micelle. We also have directly observed that these micelles are preserved when the solutions are cast into the solid state via atomic force microscopy. 96 In agreement with our initial hypothesis, we find that PFT micelles do indeed show improved conductivity (as demonstrated in Figure 16b ), which shows current−voltage curves for diodes fabricated from PFT and a nonquaternized analogue that is soluble in common organic solvents and that does not self-assemble. We find that the self-assembled PFT shows higher currents and lower injection voltages than the same polymer when it is not formed into micelles. Perhaps more importantly, PFT is water-soluble, so that any future devices made from this material can be done with environmentally friendly processing conditions.
As a first step toward producing entirely water-processable organic photovoltaic devices, in ongoing research we have combined PFT with a water-soluble fullerene derivative that is also amphiphilic and contains cationic charges on the fullerene ball. 115, 116 The chemical structure of the charged fullerene is shown in the inset to Figure 17 . Due to the amphiphilic nature of both PFT and the fullerene, the two species have the ability to coassemble in aqueous solution. We will show in future work that some of these water-soluble fullerenes can coassemble with PFT into micellar architectures. We observe good fluorescence quenching in solution, which proves the fullerenes are in direct contact with the PFT backbone. The existence of a coassembled structure offers the possibility to create a robust network for water-processable photovoltaic devices without the kinetic control inherent in typical BC films. We are already working on second generation polymers and fullerenes with optical properties tuned for a better match to the solar spectrum than is available with PFT.
In addition to the potential benefit for environmentally friendly solar cells, the coassembly of the PFT and the fullerene has also allowed us to tune the photophysics of exciton migration and charge separation. A prime example of this is the fact that photoexcitation of solutions containing PFT coassembled with charged fullerenes can create long-lived stable polarons in assemblies with optimized structures. Figure 17a shows the UV/vis absorption spectrum of the polymer/fullerene solution as initially prepared and after exposure to visible light. It is clear that exposure to light changes the absorption of the sample, with a new band growing in that is centered near 690 nm. This new band is intense enough that the color change in the sample can be easily observed by eye, and Figure 17b shows that the solution changes from yellow to dark green in color. On the basis of a comparison of the new absorption band to PFT that has been intentionally hole-doped, as well as to the spectrum of the hole polaron in similar conjugated polymers, we assign this new band to the absorption of the PFT hole polaron, created via photoinduced charge transfer to the water-soluble fullerenes that are assembled with the PFT micelle. We also have used ultrafast transient absorption spectroscopy to verify that these polarons, which are stable in solution for weeks, are created on sub-picosecond timescales, consistent with the fluorescence quenching mentioned above. Finally, we will show in future work that varying the substituents on the fullerene derivative can control the placement of the fullerene derivative within the polymer micelle, allowing exquisite tuning of both the forward and back electron transfer rates in this system.
3.3. Using Sequential Processing to Control Organic Photovoltaic Morphology. Whether constructed from selfassembling polymers and fullerenes or more traditional materials, nearly all of the organic photovoltaic devices described in the literature are based on the bulk heterojunction architecture. The introduction of BC films revolutionized the OPV field as it provided the first mechanism to increase the donor/acceptor interfacial area to ensure good exciton harvesting while still allowing interconnected pathways for the carriers to be extracted from the device. 117 As mentioned above, however, the morphology of the two components in a BC film is critical to ensuring good carrier extraction, and this morphology depends not only on the natural degree of mixing/crystallization of the two components but also on the processing kinetics used to make the active layer. This means that slight changes in processing conditions can have strong effects on device performance, making it hard to optimize devices based on new materials 118 or to scale-up devices based on well-studied combinations.
It is for all of these reasons that we have worked to develop an alternate processing method that provides for processing kinetics that are much more reproducible and scalable compared to the traditional BC methods. Our method, referred to as sequential processing (SqP), is based on sequential deposition of the donor and acceptor layers through solvent casting from orthogonal solvents. 97 A typical SqP device might have the polymer layer (e.g., P3HT) cast from a solvent such as o-dicholorobenzene (ODCB), followed by casting the fullerene layer (e.g., PCBM) from dichoromethane (DCM). This method works well as long as the polymer underlayer is not soluble in the solvent used to cast the fullerene overlayer, as is indeed the case for P3HT and DCM, particularly if the P3HT powder is extracted in DCM before the ODCB solution is made. In our initial work, we had mistakenly concluded that SqP devices had a bilayer structure, 97 but subsequent work from both our group using TRMC 100 and other groups using neutron reflection 119 and other techniques 120−122 has shown that there is a significant degree of interpenetration of the fullerene from the overlayer into the polymer underlayer. Subsequently, dozens of groups have worked to explore the differences between devices fabricated from BC and SqP methods. 123−131 The key questions concerning devices built on SqP are how does the fullerene penetrate into the polymer underlayer, and how is the resulting film morphology different/more controllable than that produced by simply preblending the materials in a BC film? Probably the most significant difference between BC and SqP devices comes in the crystallinity of the polymer underlayer. For polymers like P3HT, which tend to crystallize when cast into films, devices built from the BC method have much less crystalline P3HT because the presence of the fullerene inhibits crystallization. As discussed further below, however, casting the fullerene overlayer in SqP devices does not alter the crystallinity of the polymer underlayer. 97 Thus, films produced via SqP can have highly crystalline P3HT, particularly if the polymer underlayer is cast from a slowly evaporating solvent. Since the carrier mobility in P3HT is directly related to the degree of crystallinity, SqP offers better control over the polymer morphology since the polymer crystallinity can be tuned by the choice of casting solvent. Perhaps most importantly, SqP provides for greater reproducibility in producing polymer photovoltaics, particularly when the device area is increased. Figure 18a compares the photovoltaic performance of two sets of small-area (∼7 mm 2 ) devices with the same active layer thickness and the same molar composition of P3HT and PCBM, one set prepared as a BC film by mixing the components in solution first and the other prepared by SqP. The two sets of devices behave similarly. When the same films are used to make larger-area (∼34 mm 2 ) devices, however, Figure 18b shows that the SqP devices not only outperform the BC devices but also perform more consistently: the error bars mark ±1 standard deviation in a sampling of over 20 devices of each type. Thus, SqP provides a significant step toward removing the irreproducibility that is inherent in the kinetic control of blend morphology when blend casting devices.
Moreover, SqP also offers the opportunity to alter the polymer underlayer in other ways, such as chemically doping the polymer with agents that would react with the fullerene if present in a bulkheterojunction (BHJ) 128 and rubbing the polymer layer to align polymer chains. 124 Another new use for SqP is as a means to control donor/acceptor vertical phase separation in BHJ films. Several groups have shown that a charge extraction misbalance due to an improper active layer/electrode interface can cause a reduction in the device fill factor, giving an S-shaped current− voltage curve. 132−134 We have argued that S-shaped current− voltage characteristic is caused particularly by a lack of fullerene at the top of a film, the result of processing kinetics that cause the fullerene to "sink" into the polymer while the film is forming, creating a barrier which limits electron extraction at the cathode. 98, 135 This vertical phase separation can be put to good use by constructing an "inverted" device, with the cathode on the bottom and the anode deposited on top, 136 or one can remedy the problem directly by sequentially depositing additional fullerene on top of the BHJ, as we have shown. 98 The presence of this additional fullerene corrects the misbalance of charge extraction at the top electrode and removes the S-shaped current−voltage curve, providing another example of the versatility of the SqP technique at controlling OPV morphology.
As has been argued by several groups, 127,129,137−139 including our own, 99, 100 when the fullerene is cast on top of a polymer underlayer, the fullerene solvent can swell the amorphous regions of the polymer, allowing the fullerene to enter the amorphous regions of the polymer underlayer without altering its crystallinity. Thus, the fullerene in SqP films is present in a network that follows the contour of the polymer crystallites, and is guaranteed to be connected to the top electrode, providing for a better morphology than is typically obtained in a BC film. To understand what difference the SqP morphology makes in the dynamics of exciton motion and charge separation, we performed a series of ultrafast spectroscopic experiments on BC and SqP films of P3HT and PCBM with the same amount of each material present in both films. Following 530 nm excitation, Figure 19 compares the ultrafast transient absorption dynamics from a film of pure P3HT, a P3HT:PCBM BC, and a P3HT/ PCBM SqP film with the same total thickness and total amount of polymer and fullerene as the BHJ film. 99 The broad feature centered at ∼1150 nm is the transient absorption of the P3HT exciton, and in the pure P3HT film (panel a) this absorption decays on the same timescale as the photoluminescence, as expected. In the BC film (panel b), it is clear that even only 0.5 ps after excitation, over half of the excitons already have been quenched, which gives the results of charge separation on ultrafast timescales. 140 One of the products of the charge separation is a hole polaron on P3HT, which has a broad, weak absorption centered near ∼950 nm that persists on to the nanoseconds timescale. When the same experiment is done on the SqP film, however, the dynamics look completely different: there is initially no exciton quenching, but after a few ps, quenching begins until the same total number of polarons is produced as in the BC film. The fact that the exciton quenching and polaron production dynamics are different is a direct proof that the morphology of BC and SqP films must also be different. We observed that these differences in ultrafast charge separation dynamics persist whether or not there is only a small amount of fullerene present in the film or if the films contain the same amount of fullerene used to produce optimal devices. 99 Thus, SqP films are different from BC films in multiple ways, including the crystallinity of the polymer, the nanometer-scale phase separation of the polymer and the fullerene, and the interconnectedness of the polymer and fullerene networks across the thickness of the film.
CONCLUSIONS
A central theme for the experimental studies at MEEM has dealt with the creation of pseudocapacitor materials with appropriate nanoscale architecture. Accordingly, we have emphasized the study of template-directed mesoporous transition metal oxides, in which the interconnected pore network provides electrolyte access to the high surface area, electrochemically active walls, and where sufficiently thick pore walls maintain adequate electronic conductivity for the redox reactions. Our results with Nb 2 O 5 mesoporous films indicate not only that Li + insertion is extremely rapid but also that this material possesses much better charge storage kinetics than other transition metal oxides. Moreover, the orthorhombic T-phase in particular is found to exhibit high specific capacitance at high rate with values of nearly 450 F/g achieved in less than 1 min, far superior to the corresponding state-of-the-art battery materials. We were able to attribute the high level of energy storage at high rates in Nb 2 O 5 to an intercalation pseudocapacitance mechanism. Its characteristic electrochemical features include currents that vary inversely with time, charge-storage capacity that is mostly independent of rate and redox peaks that exhibit small voltage offsets, and therefore good reversibility, at high rates. Kinetic studies indicate that for charging times of 1 min or longer, there are no indications of ionic diffusion limitations and the current response is capacitorlike. First-principle density-functional calculations and multiscale modeling have been directed at developing physical models and accurate numerical tools to describe ion intercalation into the electrode material, processes at electrode/electrolyte interface, and the relation between the electrochemical properties and electrode morphology. MEEM has focused on improving OPV device morphology through two main fronts, self-assembly and sequential processing. We have shown that self-assembly can be used to control the structure within a solar cell active layer. Self-assembly has been shown to increase current extraction within both the donor and acceptor network. We have also explored sequential processing as an alternative to the traditional bled cast fabrication method. Our studies show that SqP and BC films differ in structure and charge generation. SqP also opens prospect of manipulating the polymer film prior to fullerene deposition. Furthermore, we were able to eliminate detrimental s-shaped current voltage curves by depositing additional fullerene onto a BHJ film. We hope to apply what we have learned to the next generation of organic photovoltaic materials to making reproducible, large-scale, high-efficiency photovoltaics.
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